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behaviour of an aluminium alloy metal-matrix
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An aluminium alloy metal matrix discontinuously reinforced with silicon carbide
particulates, was synthesized using the spray atomization and co-deposition technique.
Microstructural characterization studies were performed to provide an understanding of the
intrinsic effects of carbide particulate co-injection into the aluminium alloy metal matrix.
Results reveal the ageing kinetics to be altered by the reinforcing ceramic particulates.
Ambient temperature tensile tests revealed that the presence of particulate reinforcement in
the aluminium alloy metal matrix degrades both strength and ductility. The results obtained
are discussed in relation to thermal conditions during spray co-deposition and contributions

from reinforcement to intrinsic microstructural effects and mechanical response.

1. Introduction

Continuous attempts have been made, in the last dec-
ade, particularly in areas spanning alloy development
and the use of novel processing techniques, to develop
high-performance hybrid materials or composites as
competitors to the traditional engineering alloys. In
particular, much attention has been given to the devel-
opment of reinforced metallic materials that can offer
significant improvements in structural efficiency, reli-
ability, and mechanical performance over the mono-
lithic counterpart. The term metal-matrix composite
(MMUC) refers to a family of metal-based composite
materials reinforced with either continuous or dis-
continuous reinforcements, to provide an enhanced
combination of properties. The matrix material of
a metal-matrix composite can be any pure metal or
alloy, but most interest is in those metals which find
use in structural applications where stiffness and light
weight are primary considerations. Thus, the matrices
are usually aluminium, titanium or magnesium.

The reinforcement or filler material in currently
available metal-matrix composites is normally some
form of ceramic, but can be anything other than the
matrix metal. The most commonly used fillers are
silicon carbide (SiC), boron carbide (BC), aluminium
oxide (Al,O3) and carbon. The filler takes many
forms, ranging from continuous fibres to fine partic-
ulates and including discontinuous fibres, whiskers
and platelets. The advantages of particulate-rein-
forced aluminium alloys are manifold. Increases in
modulus of greater than 100% have been reported in
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aluminium alloys reinforced with 40 vol % silicon car-
bide [1]. Associated with improvements in modulus
are concurrent increases in proof strength and ulti-
mate strength of up to 60% [2,3]. The modulus thus
obtained is greater than those of typical titanium
alloys and only marginally less than those of most
steels. Other reported advantages of the discontiny-
ously reinforced aluminium (DRA) alloy composites
over their unreinforced counterparts include a poten-
tial for high abrasion resistance [4], improved fatigue
crack growth resistance [5, 6], improved fatigue crack
initiation resistance [7], increased elevated temper-
ature strength [8], improved creep rupture properties
[9], and good micro-creep performance [ 10]. Further-
more, the particulate-reinforced metal-matrix com-
posites are attractive because they exhibit near
isotropic propeérties when compared to the continu-
ously reinforced counterpart [11-167, besides provid-
ing the additional advantage of being machinable and
workable [17]. The combination of properties offered
by aluminium alloy-silicon carbide particulate
MMCs shows potential for applications in the auto-
motive, aerospace, defence and leisure-related indus-
tries. The primary disadvantage of the Al/SiC,, however,
is that they suffer from ductility and inadequate frac-
ture toughness when compared to that of the consti-
tuent matrix material [18-207.

There are six basic production routes for manu-
facturing particulate-reinforced aluminium MMCs.
These include (i) powder blending, (i) mechanical
alloying, (iii) melt stirring, (iv) compo-casting, (v)
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reaction techniques (e.g. Martin Marietta’s XD™
technique), and (vi) spray co-deposition. The powder
blending technique suffered from the disadvantages of
surface-area oxidation of the alloyed powder, espe-
cially for the alloy systems of magnesium, aluminium
and titanium, coupled with being a fairly expensive
process. Also, the blending step is a time consuming,
expensive and dangerous operation. Consequently,
many interesting possibilities which are feasible
through using rapidly solidified powder have to be
discarded. The mechanically alloyed product required
consolidation and processing in a similar way to ma-
terials produced by the powder route, and therefore
suffered from the same problems. Melt stirring is lim-
ited to those alloys and compositions that can be cast
in a non-composite form. Also, the technique suffers
from (i) an inability to completely wet the particulate
and distribute it evenly in the melt, and (i) undesir-
able reactions between the particulate and the melt
because of the long-term-high-temperature exposure
during processing.

The exothermic dispersion process, commercially
designated as the XD technique, was originally de-
veloped at the Martin Marietta Laboratories
(Baltimore, MD) for the manufacture of composite
materials containing finely dispersed ceramic or inter-
metallic particles in either metallic or intermetallic
matrices [21-27]. As described by Westwood [22]; in
this process, elemental powders of a high-temperature
phase, X and Y (e.g. titanium and boron) are heated in
the presence of a third metallic phase, Z (c.g. alumi-
nium), which is typically the matrix alloy. The matrix
metal, Z, acts as a solvent and usually melts at a tem-
perature that is well within the requirement to form
the stable ceramic phase, XY (e.g. TiB,). The compon-
ent elements X and Y then react exothermically, and
form micrometre-sized particles in the solvent matrix.
Because the dispersoids are formed during in situ
reactions, it is possible to produce clean matrix/
reinforcement interfaces that are totally free from
extraneous contaminants. Moreover, it is possible to
obtain very large amounts (greater than 40%) of rela-
tively well-dispersed particles, with resultant improve-
ment in strength stiffness and thermal stability [21].

This leaves spray atomization and co-deposition as
a novel synthesis technique for the processing of dis-
continuously reinforced aluminium-base metal-matrix
composites [28—39]. This processing technique offers
the unique opportunity to synergize the benefits
associated with fine particulate technology, that is,
refinements in intrinsic microstructural features,
modifications in alloy composition, etc., coupled with
in situ processing and, in some cases, near-net shape
manufacturing. The technique also helps in minimiz-
ing the deleterious effects associated with oxidation.
Precise details of the processing technique, injection
details, analysis and results are provided elsewhere
[29-34]. A unique feature of this technique is that it
avoids the extreme thermal excursions with concom-
itant degradation in interfacial properties, and exten-
sive macrosegregation associated with conventional
casting processes. Furthermore, this novel processing
technique avoids extensive, time-consuming and po-

tentially dangerous steps, and eliminates the need for
clean powder-handling practices to avoid potentially
deleterious pick-up of inclusions. The versatility of the
system is demonstrated by an ability to spray such
diverse matrices as commercially pure aluminium,
and the family of aluminium alloys including alumi-
nium-lithium alloys [39-41]. The final quality of the
spray co-deposited MMC is critically dependent on
the composition of the matrix alloy chosen.

The objective of this work was to provide an insight
into the microstructure, ageing kinetics and tensile
behaviour of a spray-atomized and co-deposited alu-
minium alloy reinforced with fine silicon carbide par-
ticulates (SiC,). The intrinsic microstructural features
of the spray-processed MMC are characterized and
discussed in relation to alloy composition and pro-
cessing variables. The room-temperature mechanical
properties of the composite are compared with the
unreinforced matrix material to highlight the influence
of particulate reinforcement, and correlations made
with intrinsic microstructural features.

2. Experimental procedure

The material (master alloy) used in this study was
provided by the US Army Materials Technology La-
boratory (AMTL) at Watertown, MA, in the form of
rolled plate of thickness 50 mm. The as-received ma-
terial was inspected for defects and chemically ana-
lysed prior to atomization. The nominal composition
(wt %) of the master alloy designated by the Alumi-
num Association as 2519, is given in Table 1. Silicon
carbide particulate (a-phase) was the reinforcement
used. The size distribution of the silicon carbide par-
ticulates was Gaussian with an average particulate
size of 3 um (ds). The density of the SiC,is 3.1 gem >
and the surface area of the SiC, is 83 m>g™"! [41].
A schematic illustration of the spray atomization and
co-deposition facility used in this study is shown in
Fig. 1. A comprehensive description of the experi-
mental apparatus, the processing procedure and pro-
cessing variables used can be found elsewhere [29-34,
41-44]. A total of three experiments was conducted.
The primary experimental variables used in these ex-
periments are summarized in Table II.

The spray deposit (i.e. the preform) was machined
into a billet of diameter 25 mm. The high-density billet
was then extruded under a pressure of 55 MPa at
a temperature of 450 °C with an area reduction ratio
of 16:1. Following hot extrusion, the samples were
isochronally heated to 530°C for 30 min and sub-
sequently quenched in cold water. The as-spray depos-
ited, extruded and solution heated material was
aged at 163 °C for various time intervals ranging from
2h-49 h.

Samples for light optical microscopy were taken
from the central section of the spray-processed mater-
ial. The samples were wet ground on silicon carbide
paper using water as lubricant and then mechanically
polished using an alumina-based polishing com-
pound. Grain morphology and particulate distribu-
tion were revealed using Kroll’s reagent as the etchant.
The etched samples were observed in an optical
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TABLE I Experimental variables

Variables

1 2 3
Atomization pressure (p.s.i.) 176 165 165
Atomization gas N, N, N,
Metal mass flow rate (gs™?) 32 29 31
Puring temperature (°C) 800 800 800
Flying distance (m) 0.41 041 041
Injector location (m) 0.19 0.19
Injection gas N, N, N,
Injecting pressure (MPa) 0.17 0.17 0.17

Thermocouple
Stopper rod
Crucible

Alloy melt
Induction coil
Nozzle

Atomizer

Injector
cylinder

Inlet gas

Injector nozzles

Spray-deposited
material
Movable substrate

Environmental
chamber

Figure I A schematic illustration of the experimental apparatus
showing the spray atomization and deposition apparatus.

TABLE I1 Analysis results of as-deposited materials

Grain size  (vol%) Density Calculated Inter-
(um) (gem™%)  density particulate
(gem™?) spacing (pm)
1 202+42 2012 2586 2.885 653 +2.1
2 261+32 0 2.689 2.823 0
3 216422 175 2,574 2.8802 7214+ 19

microscope. Fine microstructural features were re-
vealed by transmission electron microscopy (TEM).
Samples for TEM observation were prepared from
discs of 3 mm diameter, thinned by electrolytic polish-
ing in a single-jet electropolishing unit using 1:3
mixture of nitric acid in methanol maintained at
a temperature of — 20°C (263 K) and at an applied
potential difference of 15 V. The polished foils were
examined in a Phillips CM 20 transmission electron
microscope at an operating voltage of 100 kV.

The volume fraction of ceramic particulates (SiC,)
was determined using the chemical dissolution
method. This method involved: (a) measuring the mass
of composite samples, then (b} dissolving the samples
in 30% hydrochloric acid, followed by (c) filtering to
separate the ceramic particulates. The fine particulates
were then dried and the weight fraction determined.
The weight fraction was converted to volume fraction,
Visic{%) , using the equation

wt % SiC/pgic
wt % SiC/pgic + Wt % matrix/puarrix

(1)

VfSiC

where pgc is the density of silicon carbide, and
Pmatrix 18 the density of the aluminium alloy matrix.

4728

The inter-particle distance was obtained using the
equation [38]

A= (HH? (2)

where A is the interparticle spacing, [t is the cross-
sectional area of the particulate reinforcement, and fis
the volume fraction of reinforcement obtained from
chemical analysis.

Cylindrical tensile samples were machined from the
unreinforced matrix alloy 2519 and the 2519/SiC,
metal-matrix composite, such that the longitudinal
direction was parallel to the extrusion direction. Thus,
the gross fracture plane was perpendicular to the
extrusion direction. Uniaxial smooth-bar tensile prop-
erties were determined in accordance to ASTM Stan-
dard E8-81. The specimens were deformed to failure in
an Instron (Model 1125) structural test machine at
a constant crosshead speed of 0.0254 cmmin~'. The
tests were conducted at ambient temperature and in
laboratory air environment. Fracture surfaces of the
deformed samples were examined in a scanning elec-
tron microscope to determine the fracture mode and
to characterize the fine-scale features on the quasi-
static fracture surface.

3. Results
3.1. Initial microstructure
The spray-atomized and co-deposited preform, hence-
forth referred to as the spray-processed material, had
a typical peak shape geometry with a height of 90 mm
and a diameter of 140 mm. Microstructural analysis
was conducted on the spray-processed specimens
taken from the central region of the perform.
Optical microscopy examination of the unreinfor-
ced AA2519 matrix and the silicon carbide particulate
(defined as SiC,)-reinforced AA2519 metal matrix re-
vealed the presence of an equiaxed grain morphology,
Fig. 2. The grain size of the particulate-reinforced

“metal matrix is observed to be considerably smaller

than that of the unreinforced counterpart. Both the
unreinforced and reinforced materials revealed the
presence of fine particles at and along the grain
boundaries and even within the grain for the spray-
processed composite material. The results of grain-size
measurements are summarized in Table II. The distri-
bution of the particulate reinforcements in the ductile
aluminium alloy matrix is significantly improved fol-
lowing extrusion at high temperature. Fig. 3 shows
a uniform distribution of the SiC, in the extruded
composite.

The results of density measurements revealed a den-
sity of 2.689 gcm ~* for the unreinforced AA2519, and
a density of 2.586 gcm ™2 for samples taken from ex-
periments 1 and 3 of 2519/8iC,. The results of the
chemical (acid) dissolution study revealed the volume
percentages of SiC particulates in the as-spray depos-
ited material to be approximately 20.12% for experi-
ment 1 and 17.5% for experiment 3. The interparticle
spacing was estimated using the formula suggested by
Nardone and Prewo [45] for discontinuous reinforce-
ments in a ductile matrix. The results of the computed
interparticle spacings, A, are summarized in Table I
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Figure 2 Optical micrographs showing (a) an equiaxed grain mor-
phology in aluminium alloy 2519 processed by spray deposition,
and (b) fine microstructure in SiC-reinforced aluminium alloy 2519
processed by spray deposition.

Figure 3 Optical micrograph showing uniform distribution of the
SiC particulates following extrusion of the aluminium alloy com-
posite.

To provide an insight into the interaction between
the liquid droplets of the melt and the SiC particulates,
the morphology of a solidified droplet is shown in
Fig. 4. Preferential clustering or agglomeration of the
particulates (SiC,) occurs at and along the droplet
boundaries, with few particulates randomly distrib-
uted within the interior of the droplet. Fig. 4b is an
optical micrograph of an over-sprayed droplet and

Figure 4 Optical micrographs (a) of an over-spray droplet showing
the microstructure resulting from SiC injection into the droplet, and
(b) showing typical SiC, distribution within a droplet.

reveals a remarkable difference resulting from SiC,
injection into the droplet. A dramatic difference in the
grain size was also observed between those droplets
having the particulate reinforcement and those with-
out the particulate reinforcement.

3.2. Grain-growth behaviour

Fig. 5 exemplifies the variation of grain size with time,
to rationalize the effect of SiC, on grain growth. The
grain size of the particulate-reinforced metal matrix is
smaller when compared with the unreinforced matrix
material, both materials annealed at 450°C. The
presence of SiC, significantly decreases the growth of
grains with time. The microstructure of the as-spray-
processed monolithic alloy and the 2519/SiC, com-
posite essentially consisted of equiaxed grains.

Table II summarizes quantitative image analysis
and chemical analysis conducted on the as-spray-pro-
cessed specimens. The grain size of the SiC-reinforced
2519 matrix is about 30% smaller than that of the
unreinforced material.

3.3. Ageing studies
The results of ageing studies conducted on both the
reinforced and unreinforced alloy 2519 are shown in
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Figure 5 Variation of grain size with time for both the (@) SiC-
reinforced and (O} unreinforced aluminium alloy 2519, at 733K
annealing temperature.
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Figure 6 Variation of hardness with ageing time for the (@) SiC
reinforced and (O) unreinforced aluminium alloy 2519 materials, at
435K ageing temperature.

Fig. 6. This figure shows the variation of hardness
with ageing time for both materials aged at 163 °C. In
the case of the 2519/SiC, composite, results reveal two
well-defined peaks, the first at 14 h and the second at
22 h, in the hardness curve. However, the unreinforced
matrix exhibits only one well-defined peak at 20 h. It is
interesting to note that the as-quenched hardness
achieved by the 2519/SiC, MMC is lower than the
unreinforced counterpart. However, it is observed that
the presence of fine silicon carbide particulates accel-
erates the ageing kinetics, that is, the time required to
reach peak strength.

3.4. Electron microscopy observation

Transmission electron microscopy (TEM) observa-
tions of the as-spray-processed particulate-reinforced
AA2519 matrix, reveals regions of higher disloca-
tion density at and around the SiC,/matrix interface
(Fig. 7). It was also observed that growth of the recrys-
tallized grains occurred at the expense of the subgrains
(Fig. 8). The electron microscopy studies were conduc-
ted on both the unreinforced and reinforced materials,
in the T6 peak-aged condition, to obtain an under-
standing of reinforcement influence on precipitation
behaviour, their morphology and distribution. Fig. 9a
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Figure 7 Bright-field transmission electron micrograph showing
dislocations along the SiC/matrix interface.

Recrystallized grain

Figure 8 Bright-field transmission electron micrograph showing
a recrystallized grain growing at the expense of subgrains.

shows the morphology of the copper-rich precipitates
in the matrix of the unreinforced material. The Al-Cu
precipitates exhibit a fine needle-shape morphology.
The corresponding selected-area diffraction pattern
taken from the same region (Fig. 9b) reveals the pre-
cipitates to lie along the [100] habit plane with an
orientation relationship {120%,:/|<{100%mix. Based
on precipitate morphology and diffraction analysis,
these precipitates are the Al,Cu (6') {46, 47].

In the 2519/SiC, composite, an additional phase was
distinctly observed beside the & (Al,Cu) precipitate.



Figure 9 (a) Bright-field transmission electron micrograph showing
the needle-shaped Al-Cu precipitates, in the T6 condition, of the
unreinforced matrix material. (b) Corresponding selected-area dif-
fraction pattern taken from the same region.

The diffraction pattern of this phase, which when
indexed, gives a lattice parameter of 0.5899 nm. The
composition of this phase is most likely Al,Cu,Fe.
The @ precipitates in the Al/SiC, MMC appeared to
have a needle-shape morphology but were finer,
shorter in size and uniformly distributed when com-
pared to the precipitates in the unreinforced matrix
material. Moreover, the 2519/SiC, composite revealed
the existence of a narrow precipitate-free zone (PFZ)
at and along the interfaces of the SiC,, and the matrix
(Fig. 10a). The width of the precipitate-free zone, in the
T6 peak-age condition, was around 0.5 pm.

3.5. Tensile properties

The results of ambient temperature tensile properties
of the SiC, reinforced and unreinforced alloy 2519
are summarized in Table ITII. Duplicate tests were
done for each condition and no significant variation
between the pairs of samples was observed. The
2519/SiC, composite exhibits lower strength and
ductility when compared to the unreinforced matrix
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Figure 10 (a) Bright-field transmission electron micrograph show-
ing the morphology of the major strengthening precipitates and the
PFZ at the interface, in the aluminium alloy 2519/SiC, composite.
(b) Corresponding selected-area diffraction pattern taken from the
same region indicating precipitate orientation.

TABLE III Tenpsile test properties

Yield stress UTS Elongation

(0.2%) (MPa) (%)
(MPa)
Al-2519 (peak aged) 311--763 44447 7.2+ 065
Al-2519/SiC, (under aged) 256 + 5.1 297 +64 39 +031
Al-2519/SiC, (peak aged) 304 +93 320+212 1.8+051

counterpart. In both the underagéd (UA) and peak
aged (PA) conditions, the yield strength (YS) and ulti-
mate tensile strength (UTS) of the MMCs are lower
than that of the unreinforced counterpart (2519), in the
T6 condition. In the peak-aged condition, the decrease
in tensile strength is as high as 28%, while the decrease
in yield strength is only marginal. However, the peak-
aged material shows an improvement in strength over
the under-aged counterpart. The ductility decreased
from 7.2% for the unreinforced material to 3.9% for
the underaged 2519/S8iC, composite and 1.8% for the
peak aged 2519/8iC, composite.
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Figure 11 Scanning electron micrograph showing overall morpho-
logy of the tensile fracture surface of the 2519/SiC, composite.

Figure 12 Optical micrograph of the vertical section showing
cracks in the 2519/8iC, composite.

3.6. Tensile fracture behaviour

Fig. 11 is a representative fractograph showing mor-
phology of the tensile fracture surface of the peak-aged
2519/SiC, composite sample. The tensile fracture sur-
face revealed combinations of (a) decohesion of SiC
particulates from the matrix, (b) particulate debond-
ing, (c) cleavage rupture, and (d) ductile tearing.

High-magnification observations of the fracture sur-
face revealed plastic deformation at and along the
interfaces between the SiC, and the aluminium alloy
matrix. Adjacent to the plastic zone, the fracture surface
revealed the presence of cleavage-like features. The
overload region comprised ductile dimples and tearing,
features reminiscent of ductile failure. Image analysis
conducted on the tensile fracture surface revealed the
SiC particulate surface to be 8.0%, the cleavage area at
42% and the local plastic region at 56%, indicative of
the limited ductility of the composite.

Metallographic observations along the direction of
the major stress axis revealed the occurrence of crack-
ing in the longitudinal direction and perpendicular
to the fracture surface (Fig. 12). The cracks were ob-
served to have initiated at the larger particulates and
propagated along regions of particulate agglomer-
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ation. In fact, a large number of microcracks were
observed to have initiated at the particulate clusters.

4. Discussion
4.1. Microstructure of the spray-processed
composite
A fairly high volume fraction of SiC, reinforcement
in the 2519 matrix was achieved by the spray atom-
ization and co-deposition technique. The symmetric-
ally arranged four injectors are believed to be largely
responsible for successful distribution of the SiC par-
ticulates in the metal matrix. The injector configura-
tion delivers a high amount of the SiC, (130 gs™ ") into
the molten metal spray at a fairly low injecting pres-
sure (25 p.s.i. (1 p.sd. = 7.0307 x 10 kgm ~?)) . This fa-
cilitates an effective mixture of the particulate (SiC,)
with the metal matrix. At the same time, the injected
particulates are uniformly distributed. As shown in
Fig. 2, the fine SiC, are uniformly distributed within
the aluminium alloy metal matrix and harmonize well
with the fine grain size of the as-spray-deposited ma-
terial. Subsequent extrusion of the as-spray deposit
aids in refining and enhancing particulate distribution,
resulting in a refined final microstructure of the
2519/8iC,, composite.

The spray-deposited 2519/SiC, composite had an
equiaxed grain morphology. This observation con-
forms well with results obtained by other investigators
[42,50-55]. The test data also indicate that variation
in atomization pressure failed to induce any appreci-
able change in grain size, which is observed by com-
parison of the grain size of experiments 1 and 3. On
the other hand, the presence of the particulate rein-
forcement in the spray does effectively reduce the
grain size of the as-sprayed deposit by as much as
30%. A quantitative relationship between reinforce-
ment volume fraction and grain size was not done in
this study. However, it is observed that an increase in
particulate volume fraction effectively decreases the
grain size of the as-spray-deposited material. The re-
sults convincingly show that the grain size of the
unreinforced material is higher than that of the com-
posite counterpart.

In an earlier study, Gupta et al. [41] showed that
the optimum injector distance should be at a position
where at least 20% of the mean droplet size (50 pm)
had solidified. The thermal history of droplets of the
molten metal during flight can be considered as com-
prising of three regions: (a) cooling of the fully liquid
droplets; (b) the cooling of the mushy droplet; and
(c) the cooling of the fully solid particle. The cooling
rate progressively decreases once solidification starts,
owing to the release of latent heat of solidification.
Prior numerical studies [54-57] have shown that the
atomized spray virtually consists of a combination of
large-sized liquid and semi-liquid droplets and a con-
siderable amount of solidified or near-solidified small
droplets which have a relatively higher cooling rate
than the larger droplets. When the reinforcing partic-
ulates impact with the droplets of the molten metal at
the correct angle, the following events occur either
independently or conjointly.



(a) The large-size droplets remain in the liquid and
the surface temperature is fairly high to retain a lower
droplet surface tension. As a result, particulates can
easily penetrate into the droplets of the molten metal.
Direct evidence can be found in Fig. 4, which shows
SiC particulate penetration into the centre of the
droplet of the molten metal.

(b) For the partially solidified droplets, the solidifi-
cation kinetics starts from the droplet surface in the
form of dendrites. The unsolidified part may have
a slightly higher temperature due to the recalescense
effect. Consequently, the surface tension decreases,
which makes it easy for the impacting ceramic (SiC)
particulates to penetrate into the partially solidified
droplet. However, the solid dendrite arms will prevent
any further penetration of the impacting SiC partic-
ulate. This provides an appealing rationale for the
preferential accumulation of the SiC particulates at
and along the droplet boundaries (Fig. 4).

(c) The completely solidified droplets will have an
elastic impact with the injecting SiC particulate. This
type of droplet will exert an influence on the distribu-
tion of SiC particulate reinforcement only when the
volume fraction of solidified droplets is high.

A mixture of co-injecting reinforcement particulate
with molten-metal droplets will tend to decrease the
enthalpy of the droplet during flight, because of ther-
mal energy transfer between the reinforcing SiC par-
ticulates and droplets of the molten metal. Conse-
quently, the droplet temperature decreases due to the
mixing effect. The total enthalpy drop in the droplet
due to the presence of the particulate reinforcement
can be effectively described by the relationship

T
AH = AM, (wt% SiC) f C,dt 3)

a

where T is the balance temperature, T, the initial
temperature of the SiC particulate, C, the specific heat
of SiC, M, the mass of the droplet, wt % SiC is the
weight percentage of the particulate, and A4 the coeffi-
cient of mixing effectiveness. This expression shows
that overall enthalpy loss is proportional to the
amount of particulate reinforcement. However, the
thermal energy loss is limited to the larger-sized drop-
lets which have a higher probability of contact with
the SiC particulate. Numerical analyses have convin-
cingly shown that droplet temperature distribution is
a strong function of droplet size at a concerned elev-
ation [33,53]. During the flight stage, the decrease of
droplet temperature is governed by synergistic and
competing influences of surface conduction and radi-
ation. The smaller sized droplets have a higher sur-
face-to-volume ratio, which leads to a higher heat loss
during droplet flight. This means that the smaller
droplets have a higher cooling rate than the larger
droplets. Consequently, the higher cooling rate results
in a higher solidification for the smaller droplets than
for the larger-sized droplets. Moreover, the presence
of the injected particulate partially compensates for
the uneven cooling rate among the different size drop-
lets. This is achieved by decreasing the temperature of
the larger droplets, which directly translates to a

higher solidification rate for the larger droplets. Fi-
nally, a higher cooling rate in the overall spray will
result in a smaller grain size for the final deposit
compared with the unreinforced matrix material. This
explanation conforms well with present experimental
findings, shown in Fig. 5b, which reveal the grain size
of the 2519/SiC, composite to be considerably smaller
than the grain size of the unreinforced matrix alloy
2519 deposit made under identical conditions. It can
also be anticipated that increasing the volume fraction
of particulate reinforcement will further decrease the
grain size of the final product. However, because the
smaller liquid droplets are not appreciably affected by
mixture with the SiC particulate reinforcement during
flight, this prediction has its limitations.

The presence of particulate reinforcement enhances
grain nucleation by the following. intrinsic mecha-
nisms [42,43] :

(a) The particulate exists as a heterogeneous nuclea-
tion centre and fosters the nucleation rate prior to its
impact on to the substrate;

(b) fragmentation of dendrite arms is a mechanism
responsible for nucleation in the final stage.

The solidified part is present in the form of dendrites
in the droplet. On the other hand, the thermal expan-
sion coefficient of the SiC-particulate reinforcement
and the ductile aluminium alloy are different. For
example, the thermal expansion coefficient of SiC is
5.7%x 107 K~ !, while that of the aluminium matrix is
253x107° K. The significant difference tends to
induce local stress concentration in the region of the
SiC,/2519 interface. This makes the dendrites re-
latively brittle. Consequently, fragmentation of the
brittle dendrites occurs on their impact with the sub-
strate at high speed. This mechanism enhances the
nucleation kinetics during final solidification. More-
over, the presence of SiC, further enhances grain
growth. At this stage, the cooling rate is relatively
decreased and grain growth is crucial for controlling
grain size of the final deposit. The experimental re-
sults, shown in Fig. 6, reveal that the presence of SiC,
retards grain-growth rate at elevated temperatures.
Gupta et al. [41,48] reported a similar observation of
SiC,-reinforced aluminium-lithium alloy. The SiC
particulates act as effective barriers for grain-bound-
ary migration. It has been suggested that the disloca-
tion concentration at the interface region may be
a direct evidence of the particulate-retarding grain-
boundary migration [58]. Generation of dislocations
is an energy-consuming process which contributes to
retarding grain-boundary migration [59].

Fig. 4 reveals that extrusion processing aids in elim-
inating the pores in the Al-2519/SiC, composite. This
is well supported by density measurements listed in
Table II. In the as-deposited material the pores were
associated with droplet boundaries where clustering of
the reinforcing SiC particulates exits. Considering the
processing variables used for the three independent
experiments (Table I), porosity is influenced and/or
affected by competing influences of atomization pres-
sure and particulate flow rate. It is most likely,
as observed from density measurements, that the
presence of the SiC particulate induces or promotes
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porosity in the as-sprayed deposit. Our experimental
results support the view that interstitial porosity
among the partially solidified droplets is the dominant
mechanism to form pores. The rationale for the pres-
ence of SiC particulates at and along the boundaries
can be attributed to collision of the liquid droplets
with the ceramic particulate. On the other hand, any
absorbed gas by the particulate is released at high
temperatures and is an alternative explanation for the
high porosity associated with the discontinuous rein-
forcement.

4.2. Precipitation during ageing

Hardness measurements and transmission electron
microscopy observations revealed that the presence of
SiC, in the ductile aluminium alloy matrix influences
the precipitation kinetics. For the SiC-reinforced AA-
2519 composite, an additional phase having a cubic
morphology was found beside the dominant strength-
ening Al--Cu (8') precipitate. Furthermore, the Al-Cu
precipitate grows on the {114} habit plane rather
than the {100} plane in the unreinforced AA-2519.
A plausible reason for the change in habit plane is the
internal stress in the matrix induced by intrinsic differ-
ences in the coefficient of thermal expansion between
the SiC reinforcement and the aluminium alloy
matrix. The significant difference in thermal expansion
coefficients tends to induce compressive stresses in the
matrix during quenching following solution heat
treatment. The internal stresses enhance and promote
precipitation of the & precipitate on a different habit
plane.

Microstructural observations also revealed that at
and along the interface region the dislocation density
was fairly low following extrusion at high temper-
ature. A fairly well-developed recrystallized structure
had formed. This conforms well with the findings
documented by other investigators [60]. In this earlier
study, the existence of a dislocation-free zone along
the SiC interface was reported for AA-6061/SiC, com-
posite. Also, a precipitate-free zone along the SiC
boundary was observed for the peak aged (PA) condi-
tion. It is generally believed that the large difference in
the coefficient of thermal expansion between the ce-
ramic particle (SiC,) reinforcement and the matrix
induces considerable amounts of dislocations at and
along the interfaces. The density of dislocation build-
up depends on the competing influences of several
processing parameters such as temperature, extrusion
ratio, and extrusion speed. In this study, a recrystal-
lized microstructure was evident following extrusion.
Formation of subgrains and recrystallization are
structure-recovery processes which develop at the ex-
pense of dislocation density. This is an appealing
rationale for the lower dislocation density along the
grain-boundary regions.

Regarding the formation and presence of a precip-
itate-free zone at and along the SiC interfaces, there is
no convincing explanation to offer at this time.
However, based on the intrinsic micromechanisms
responsible for PFZ formation and considering
the lack of reaction products at the interface, the
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vacancy-depleted model may be the explanation for its
formation [61,62]. At high temperatures, the interface
is a potential sink for the defects such as dislocations
and vacancies, which partially annihilate each other
by diffusion. Consequently, defect concentration both
at and along the interface region is not adequate
enough to promote precipitate nucleation.

4.3. Mechanical behaviour

Several investigators have found and documented that
reinforced-particulate cavitation is a primary mecha-
nism responsible for failure in the MMCs [63-65].
This mechanism assumes that crack initiation occurs
at the fractured particulates or clusters of particulates.
Under the influence of an applied load, these cracks
propagate into the matrix and grow. This phenomena
has been observed on the fracture surfaces by scanning
electron microscopy (SEM) and by optical metallo-
graphic observation of the vertical section. However,
quantitative image-analysis results convincingly show
that the exposed SiC surface area is only 7.5% on the
fracture surface, far less than the volume fraction used
(23%). Also, decohesion occurred at the SiC-2519
interface, although it was difficult to identify these
sites quantitatively. The intrinsic difficulty suggests
that the particulate decohesion model is not the dom-
inant mechanism contributing to failure of this
2519/8iC, metal-matrix composite.

An examination of the fracture surface revealed
considerable amount of SiC particulates to be pulled
out from the matrix, which 1s quite typical in the case
of particulate-matrix debonding. Although no reac-
tion products were found to exist at the SiC,~2519
interface, it is most unlikely that the interface is
a simple mechanical joint. Because mechanical joining
cannot fully transfer the load, all of the SiC partic-
ulates should separate from the matrix prior to frac-
ture. The presence of a low volume fraction of SiC,, on
the fracture surface fails to support the above hypoth-
esis. On the other hand, a slight decrease in yield
strength is an indication for declining the assumption
of a simple mechanically joint interface. If the law of
mixtures can be used to describe the tensile strength of
the metal-ceramic particulate composite, then the
total strength of the MMC should be

Gtotal = AOmatrix + BGSiC + UGinterface (4)

where o, B, | are the corresponding surface fractions at
a cross-section.

It is clear that at the interface both the particulate
reinforcement and the metal matrix contribute to total
strength. This is a reasonable approach, at least before
yielding. If a simple mechanical joint interface is as-
sumed, implying that the applied far-field tensile load
can be transferred to the particulate reinforcement, the
23 vol % SiC, should contribute to the yield strength.
This assumption is apparently not true based on
the results obtained. On the other hand, if bonding of
the reinforcement with the matrix is perfect, such that
the reinforcement can take all of the applied load, the
expected yield strength should be higher than the
measured value. However, the presence of fractured



SiC particulates on the tensile fracture surface pro-
vides a convincing rationale as to why the volume
fraction of SiC reinforcement is not capable of taking
the full tensile load. The fractured SiC particulates
function as cavities in the material. Consequently, the
effective load-resisting arca is decreased. The loss in
strength is partially compensated for by the partic-
ulate reinforcement.

Examination of the fracture surface at high magnifi-
cation reveals the presence of plastic deformation
region around the SiC particulates. The plastic defor-
mation was concentrated at and along the particulate
boundaries. Under the influence of a far-field tensile
stress, the precipitate-free zone (PFZ) will yield first on
account of its lower strength. Consequently, the dislo-
cations move rapidly into the interface of the precipi-
tate- matrix and induce crack initiation at the
interface. Continued application of the far-field stress
causes the crack to extend into the matrix. As a result,
the overall ductility of the composite matrix is de-
graded. Shallow equiaxed dimples and microvoids
were observed on the tensile fracture surface, features
reminiscent of ductile failure.

5. Conclusions
Based on the results obtained in this study, the follow-
ing are the key conclusions.

1. A fairly high volume fraction of ceramic particie
reinforcement (SiC) in AA-2519 was achieved using
the spray-atomization and co-deposition processing
technique.

2. The presence of SiC particulates significantly af-
fects the microstructures of the 2519/SiC, composite
by impinging into droplets of the molten metal. The
intrinsic mechanisms include synergistic and compet-
ing influences of an increase in droplet cooling rate
resulting in promoting nucleation, and retarding
grain-boundary migration and suppressing grain
growth.

3. The presence of SiC particulates in aluminium
alloy 2519 matrix alters the precipitation kinetics dur-
ing artificial ageing. A cubic phase was found in the
peak-aged composite besides the primary Al-Cu pre-
cipitates, 6". Also, a precipitate-free zone (PFZ) was
observed at and along the interfaces between the car-
bide particulate and the metal matrix. Further work is
necessary to understand the precipitation behaviour
in this aluminium alloy composite.

4. Inferior tensile strength and ductility of the com-
posite are attributed primarily to pre-existing cavita-
tion due to the fractured particulates and particulate
clusters. However, the precipitate-free zone promotes
enhanced crack nucleation at the interface and this
also contributes to the inferior ductility and fracture
resistance of the composite.
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